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A B S T R A C T

This study investigated the hydrogen embrittlement sensitivity of the precipitation hardened (PH) alloy 945X in
three different metallurgical states. The three variants examined (obtained by different heat treatments) were
the standard oil and gas industry condition, and two alternative microstructures with variations in fraction and
morphology of γ′, γ″ and δ phases. For each metallurgical state, mechanical tests were carried out on both
uncharged and hydrogen pre-charged specimens in order to evaluate the deleterious influence of hydrogen on
mechanical properties. Material characterisation and post-test fractography was performed to understand the
link between microstructural features, fracture behaviour, and susceptibility to hydrogen embrittlement.
Fractographic analysis showed that, in the presence of hydrogen, intergranular fracture occurred for all the heat
treatments, regardless the presence of δ-phase at grain boundaries. There was no simple correlation between
the volume fraction of δ-phase and susceptibility to hydrogen assisted embrittlement. Rather, it was
demonstrated that the morphology and distribution of δ-phase along grain boundaries plays a key role and
the other precipitate phases also have an influence through their influence on the ease of strain localization.

1. Introduction

Precipitation hardened (PH) nickel based alloys are commonly used
in the oil and gas industry due to their inherent, outstanding, corrosion
and stress corrosion resistance. However these “superalloys”may suffer
from hydrogen adsorption and consequent reduction of mechanical
properties leading to failure cracking mode known as hydrogen
embrittlement (HE). Hydrogen is well known to have a detrimental
effect on nickel based alloys toughness [1–7].

In this work, the PH alloy UNS N09945 (commercial name 945X,
used throughout the rest of this paper) was examined. This alloy,
developed specifically for oil and gas applications, is approved under
NACE MR0175 for use in oilfield environments up to NACE level VII
and level VI-232 °C severity. This alloy is strengthened by the forma-
tion of sub-micron size γ′-(Ni3(Al, Ti)) and γ″-(Ni3Nb) precipitates,
which provide the optimum effect when they are uniformly distributed
within the microstructure.

HE is a complex form of failure, comprising of multiple mechan-
isms. These may occur at the same time under certain conditions, with
the dominant mechanism depending on the fracture path and mode,
which, in turn, depends on the microstructure, the environment, the

temperature, the applied stress, and other variables [8]. Several
mechanisms have been proposed for HE; the three most commonly
discussed are hydrogen-enhanced decohesion (HEDE), hydrogen-en-
hanced localised plasticity (HELP), and adsorption-induced disloca-
tion-emission (AIDE). The HEDE mechanism is based on the weaken-
ing of interatomic bonds at grain boundaries and at particle-matrix
interfaces, leading to atomically brittle fracture [9–13]. The AIDE
mechanism also involves the weakening of interatomic bonds at crack
tips due to adsorbed hydrogen, leading to nano-dimpled cleavage-like
and intergranular fractures [9,11]. The HELP mechanism is based on a
proposed increase of dislocation motion due to the presence of
hydrogen. The HELP mechanism assumes that hydrogen increases
the local plasticity of a material at the microscopic scale; the increased
dislocation mobility thereby increases the amount of deformation that
occurs in localised regions adjacent to the fracture surface [14–16].
Eastman et al. [17] and Matsumoto et al. [18], showed high-resolution
fractography of hydrogen embrittled Ni and Fe alloys, revealing regions
of large plastic deformation localised along the fracture surfaces in
support of this mechanism [19,20].

In this paper, the influence of hydrogen adsorption on the tensile
properties and microstructures of three metallurgical states of Ni alloy
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945X was investigated. The three conditions were chosen to promote
different precipitated phases, leading to different mechanical proper-
ties and potentially different susceptibility to embrittlement. Hydrogen
charging, tensile testing, and fractography have been used to determine
the influence of the different microstructural parameters on the
potential for embrittlement and the consequent failure mechanism.

2. Experimental methods

The 945X alloy was supplied in the form of a forged cylindrical
billet, with a diameter of 250 mm. The material, in its “as received”
condition, presented the type of microstructure typically used in oil and
gas applications. This condition will be referred as HT-I. The limiting
chemical composition of the alloy is presented in Table 1 and details of
the HT-I heat treatment are in Table 2.

Two more metallurgical states of the alloy were examined in this
study, named HT-II and HT-III, obtained by resolutionizing the
precipitates by two different aging times to the as received material.
The required solution annealing and aging treatments were performed
using an inert atmosphere argon tube furnace with a Newtronic Micro
96 TP+ temperature controller. Specimens were water quenched after
each heat treatment. Details are reported in Table 2. These two variant
were produced in order to alter the mix and shape of precipitates
present and evaluate their role in the HE mechanism. For each
metallurgical state, six round specimens, 12 mm in diameter and
100 mm in length, were prepared.

Metallographic characterisation and hardness testing were per-
formed on each heat treatment on samples with dimensions of 12 mm
in diameter and 5 mm in length. Vickers hardness was obtained under
a load of 20 kg. For each sample, the average hardness value was
calculated from ten measurements.

The samples used for the tensile tests to assess HE susceptibility
were cylindrical in cross section, with a total length of 77.67 mm, a
gauge length of 25.4 mm, a diameter at the gauge length of 3.81 mm
and M10 threaded ends.

The INSTRON 5569 system equipped with a 50 kN load cell and the
BlueHill data acquisition software were used to perform the uniaxial
tensile tests, at an initial strain rate of 3.3×10−4/s, which is approxi-
mately equivalent to a crosshead speed of 0.5 mm/min. 10 mm and
25 mm strain gauge extensometers were attached to each examined
specimen to measure the extension.

Specimens post tensile test characterisation and fractography were
performed with an FEI Magellan field emission gun scanning electron
microscope (FEGSEM). The accelerating voltage and beam current
were set at 8 kV and 0.8 nA respectively. Working distance was set at
3–3.5 mm. The Backscattered Electron (BSE) imaging mode was used

for obtaining high resolution micrographs of each sample. The
Secondary Electron (SE) mode was used for fractography imaging.

2.1. Cathodic hydrogen pre-charging of the tensile specimens

Hydrogen was introduced into the tensile specimens, prior to test,
by cathodic polarisation in a 1 M NaCl solution at 80 °C. The test
apparatus used is illustrated in Fig. 1. The electrochemical cell is made
up of three electrodes: a platinum wire as counter electrode, the tensile
specimen as working electrode, and saturated calomel as a reference
electrode. The current density was 7.7 mA/cm2 and the charging time
was 7 days. After charging, the samples were subsequently tested in the
Instron load frame trying to minimise the time between the two tests as
much as possible in order to avoid hydrogen desorption from the
specimen. The electrochemical cell was de-aerated with nitrogen (N2)
for 30 min before charging. De-aeration was prolonged also during
charging to reduce the oxygen level in the cell, in order to avoid
corrosion. The specimen potential (working electrode) was measured
against the reference electrode by means of a voltmeter.

The depth at which hydrogen diffuses into the specimen at the
considered charging conditions was estimated using Eq. (1).

x = 2Dt (1)

where x, is the distance from the surface of the sample, t, is the
charging time and D, is the hydrogen diffusion coefficient according to
Eq. (2), which in the present calculation was the one of the alloy
N07718 [22], assuming this not to be too dissimilar from alloy 945X:

⎛
⎝⎜

⎞
⎠⎟D = 6. 8 × 10 exp − 49. 5×10

RT
−7

3

(2)

where R, is the gas constant T, is the temperature in Kelvin (K)
Hydrogen diffusion profiles, as a function of charging time, are

reported in Fig. 2. Hydrogen needs approximately 100 days to reach
the centre of the sample according to the calculations made and at the
considered charging conditions. Due to time constraints, it was decided
to charge the specimens with hydrogen for seven days. After this time,
hydrogen is expected to reach 500 µm from the specimen edge. It is
important to highlight that since fracture initiates from the region near
the surface of the specimen, it is the hydrogen concentration in the near
surface region that is most important.

3. Results

3.1. Microstructural analysis of heat treatments

Scanning Electron Microscopy (SEM) micrographs indicated that

Table 1
Chemical composition of alloy 945X (wt%) [21].

Limiting chemical composition of Incoloy alloy 945X, wt%

Ni Cr Fe Mo Nb Cu Ti Al Mn Si S P C

45.0–55.0 19.5–23.0 Bal. 3.0–4.0 2.5–4.5 1.5–3.0 0.5–2.5 0.01–0.07 1.0 max 0.5 max 0.03 max 0.03 max 0.005–0.04

Table 2
The examined heat treatments of alloy 945X.

Heat treatment name Solution Annealing Age Hardening

Material Temperature (°C) Time (Hr) Material Temperature (°C) and Time

HT-I [21] 1010–1066 0.5–4 704–732 °C for 6–8 h, furnace cool at 26–56 °C per hour to
607–635 °C, hold at temperature for 6–8 h, air cool

HT-II 1040 1 790 °C for 25 h, water quench
HT-III 1040 1 790 °C for 7 h, water quench
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all the different microstructures considered had equiaxed grains.
Several annealing twins were observed propagating across the entire
grains, both small and large. Details are provided in the following
sections.

3.2. HT-I: ‘As received’ 945X

The ‘as-received’ alloy 945X was prepared, according to [21], with a
two-step heat treatment. Fig. 3(a) and (b), shows two magnification of
the microstructure. The phases observed were γ′ and γ″, as well as
M(C, N) carbonitrides. There is no evidence of δ- phase (Ni3Nb), which
is the thermodynamically stable phase expected to form after the
metastable γ″ [25,26].

3.3. HT-II: aging at 790 °C for 25 h

SEM micrographs are shown in Fig. 4(a) and (b). Grain boundaries
are decorated with platelet intergranular δ phase, which can be
observed even at low magnifications (Fig. 4(a). Transgranular γ′ and
γ″, as well as NbC and TiN were also observed in the microstructure
(Fig. 4(a) and (b)). Areas free of precipitates were found around the
carbonitrides and δ precipitates (Fig. 4(b)).

3.4. HT-III: aging at 790 °C for 7 h

An overview of this metallurgical state is presented in Fig. 5(a)-(d).
As seen from Fig. 5(a) and (b), the specimen contained coarse titanium
and niobium carbonitrides ((Ti, Nb) (C, N)) with a length of 5–15 µm.
Higher magnification SEM images revealed the strengthening phases γ′
and γ″, as well as intergranular δ platelets, as shown in Fig. 5(c) and
(d). Although δ phase exists in this heat treatment, the volume fraction
of this phase was significantly reduced compared to the HT-II, and
most grain boundaries were δ-free. Moreover, depletion of the
strengthening γ′ and γ″ precipitates around the Ni3Nb needles was
observed (Fig. 5(c)). The depletion zone around δ phase has a width of
150–200 nm at each side, whereas that around the carbonitrides is
approximately 150–350 nm.

3.5. EDS microanalysis of inclusions

Energy Dispersive X-ray Spectroscopy (EDS) analysis was carried
out on the different precipitates found along the microstructures. Fig. 6
shows two blocky titanium nitrides (TiN) of approximately 10–20 µm
in width, surrounded by smaller round shaped niobium carbides (NbC)
with a diameter of 2–5 µm, found in HT-I. Carbonitrides are located
primarily at grain boundaries, but they can also be found intragranular
(Fig. 3(b), Fig. 4(a), Fig. 5(b) and (d)).

In BSE imaging mode, the atomic number contrast means that TiN
exhibits a dark grey colour while the small NbC particles have a light
grey colour. It is clearly shown that the Ti nitrides and Nb carbides
form prior to the heat treatments due to the low solubility of these
elements [23,24]; hence, they appeared in all examined conditions,
including the solution annealing condition. In addition, some of the
TiN and NbC precipitates are co-located, with the NbC phase appar-
ently heterogeneously nucleated on the TiN particles (Fig. 6). No other
type of carbide or nitride was observed.

Fig. 1. Schematic of the electrochemical cell used for specimens pre-charging. W is the
working electrode (PH Ni alloy tensile specimen), R is the saturated calomel reference
electrode and C is the counter electrode (Pt wire).

Fig. 2. Hydrogen diffusion profiles for different times at 80 °C (1 h, 12 h, 1 week, 100
days).

Fig. 3. SEM Micrographs of HT-I condition. (a) Ti nitrides and (b) γ′, γ″ and NbC particles.

V. Demetriou et al. Materials Science & Engineering A 684 (2017) 423–434

425



3.6. Effect of heat treatments on hardness

These tests were performed to evaluate how the hardness evolved
following the various heat treatments. Moreover, the relationship

between each heat treatment and the precipitated phases was studied.
The hardness test results are presented in Fig. 7 for the different
microstructures considered, together with the average hardness of the
solution annealed condition. The ‘as-received’ alloy 945X (HT-I) had

Fig. 4. SEM backscattered micrographs of 945X after HT-II heat treatment (25Hr at 790 °C).

Fig. 5. Backscattered SEM micrographs of 945X after the HT-III heat treatment: (a) low magnification (×350), (b) inter- and transgranular carbonitrides, (c)-(d) γ′/γ″ and δ phases.
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an average hardness of 406 ( ± 10) HV, the highest hardness value of
the examined heat treatments. The 7-h aged sample at 790 °C (HT-III)
has an average hardness of 329 ( ± 5) HV. On the other hand, the 25 h
aging treatment at 790 °C (HT-II) resulted in an average hardness of
299 ( ± 5) HV. The drop in hardness between the as received condition
and the aged samples was most likely due to the transformation of γ″
into the stable δ phase, which is a non-hardening precipitate [27], and
to the coarsening of γ′ and γ″. The difference of almost 30 HV observed
between HT-II and HT-III was due to the larger transformation of γ″
into the stable δ phase and to the further coarsening of γ′ and γ″
because of the longer aging time.

3.7. Tensile properties and influence of adsorbed hydrogen

The 0.2% proof strength, ultimate tensile strength (UTS) and strain
to failure (εf) results for the three metallurgical conditions are
compared in Fig. 8 in both uncharged and hydrogen pre-charged
states, while Fig. 9 illustrates selected stress-strain curves.

Hydrogen decreased the ultimate tensile strength and the ductility
for all conditions while it had little effect on the 0.2% proof stress. As
expected, in the non-charged samples the ductility was inversely
proportional to strength and hardness. As shown in Fig. 8, the as
received non-charged condition of 945X (HT-I) had the highest value
of strength, but a low ductility. The strain to failure value of HT-I
samples decreased significantly after charging with hydrogen (from an

average 25.6% to an average value of 6.6%). HT-II had the lowest UTS
and 0.2% proof stress of the three metallurgical conditions in both
charged and uncharged states, whereas its ductility was the highest for
the non-charged state. Hydrogen charging of HT-II resulted in a larger
reduction of strain to failure and UTS than for the HT-I condition. The
7 h at 790 °C aged hardening condition (HT-III) in its un-charged
status had, as expected, a higher average UTS and 0.2% yield strength
than the HT-II condition, but a lower average values than the as-

Fig. 6. SEM and EDS analysis for MN and MC type precipitates found at HT-I gain boundaries.

Fig. 7. Comparison of hardness values obtained for the different heat treatment
conditions used in the present study.

Fig. 8. Tensile testing results (uncharged and Hydrogen pre-charged, +H) for the three
different microstructural conditions as per Table 2.

Fig. 9. Stress-Strain curves of a series of non-charged and pre-charged samples.
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received 945X, while the average strain to failure value was around
30%. After introducing hydrogen in the microstructure, the strain to
failure reduced but this reduction was less than in the HT-II condition.
Consequently, after charging, this heat treatment condition produces
the greatest ductility, around 12%.

3.8. Fractography

Typical SEM images of the fracture surfaces and the longitudinal
sections of the tensile specimens after testing were examined to reveal
evidence of the hydrogen embrittlement fracture mode of the three
metallurgical states.

On a macroscopic scale, the non-charged samples of all heat
treatments showed a cup-cone fracture, after severe necking. On the
other hand, all hydrogen charged specimens of the examined metal-
lurgical states showed a brittle fracture, with minimal plastic deforma-
tion and cracks running close to perpendicular to the applied tensile
force.

At the microscopic level, typical ductile dimple fracture surfaces of
the non-charged specimens are shown in Fig. 11(e), Fig. 12(e) and
Fig. 13(e). The surfaces of all non-charged specimens consisted of
many microvoids/dimples, which grew under tensile load and coa-
lesced, until dimple rupture occurred. This fracture mode is also known
as microvoid coalescence (MVC). Some of these dimples contained
cracked carbonitrides, as shown in Fig. 11(f), Fig. 12(f) and Fig. 13(f).

Brittle (Fig. 11(a), Fig. 12(a), Fig. 13(a)), mixed brittle-ductile
(indicated by arrows Fig. 11(b), Fig. 12(b), Fig. 13(b)) and ductile
fracture patterns were found in the hydrogen charged samples. As
shown in Fig. 10, a 400–500 µm wide brittle ring was found from the
edge towards the centre of the tensile samples, which is consistent with
the hydrogen diffusion depth calculations performed prior the tests
(see Fig. 2). All pre-charged conditions displayed a brittle intergranular
mode of fracture. Secondary intergranular cracks were observed in all
conditions (indicated with circles), as well as cleavage facets along
defined planes and cleavage-like step facetted fracture modes.
Transgranular cracking was also occasionally observed in SEM micro-
graphs of longitudinal sections, but the cracks always tended to return
to the nearest grain boundary.

As shown in Fig. 11(a), (b), Fig. 12(b) and Fig. 13(c), (d),
intergranular and transgranular microvoids were found within the
brittle ring. Voids formed at the intersections of slip bands (Fig. 14(a)
and (b)), at grain boundaries (Fig. 14(e) and (f)), and at carbonitride
and δ phase interfaces (Fig. 14(c) and (d)). In addition, as shown in
Fig. 14, all conditions showed highly deformed transgranular fracture

surfaces along the secondary cracks at microscopic scale. No micro-
cracks are observed in the non-charged samples or the non-charged
areas in the middle of the pre-charged specimens.

4. Discussion

4.1. Microstructural phases, mechanical properties and hardness

The coarsest γ′, γ″ and δ precipitates were observed in HT-II
microstructure (Fig. 4(b)) while the finest and densest distribution of γ′
and γ″ precipitates were seen in the ‘as-received’ HT-I condition
(Fig. 3(b)). No δ-phase was found in HT-I, as the two step heat
treatment was designed by the manufacturer to avoid the transforma-
tion C-curve for this phase. The intergranular δ phase leads to
depletion of the surrounding γ″ strengthening phase as shown in
Fig. 4(b) and Fig. 5(c) and (d). Therefore, the precipitate free zones
(PFZ) neighbouring grain boundaries decorated by δ-phase are de-
pleted in strengthening phase, and therefore are likely to be regions of
weakness. Previous studies on similar PH Ni-Fe-Cr alloys demon-
strated grain boundary softening due to Nb depletion around platelet
δ-phase, and these grain boundaries were identified as weak and as
crack initiation points [28–32]. Moreover, Davis [32] reported that
deformation prior to cracking would concentrate these regions as they
are weaker than the surrounding matrix, leading to early failure.

The measured strength and ductility values were consistent with the
microstructural examination. HT-I gave highest strength, commensu-
rate with the high number density of finely dispersed γ′ and γ″ in this
condition. Non-charged HT-II gave the lowest strength, consistent with
the microstructure being in a heavily overaged state. Uncharged HT-III
which is less overaged, gave an intermediate value. As expected,
increased strength led to reduced ductility.

Pre-charged hydrogen had a significant impact on the UTS and
ductility of all heat treatments. The most susceptible heat treatment to
hydrogen embrittlement in terms of ductility reduction was HT-II,
followed by HT-I and HT-III. The difference in strain to failure ratio
between the examined conditions indicates that the precipitate phases
formed during the ageing treatments, as well as their size and volume
fraction, influenced the resistance to hydrogen embrittlement. HT-II,
with a network of continuous intergranular δ precipitates and overaged
γ′ and γ″ particles, showed the worst performance. HT-I with a δ-free
microstructure and finer γ′ and γ″ precipitates also experienced a large
reduction in ductility, whereas HT-III with non-continuous δ inter-
granular precipitates and coarser γ′ and γ″ resulted in a higher
elongation to failure ratio, but at cost of a reduced strength. It has
previously been suggested [2–4,33] that the tendency for hydrogen
embrittlement is controlled by the fraction of δ-phase. Whilst this is a
contributory factor, the present results show a more complex situation.
In particular, it is notable that the δ-phase containing microstructure
produced by HT-III showed a lower reduction in ductility after
hydrogen charging than the δ-phase free microstructure (HT-I).
However, HT-I showed a lower reduction in strength ratio than HT-
III, a property which is very important for the use of this material in oil
and gas applications.

4.2. The failure mechanism

The failure mode in all non-charged samples was ductile fracture
through microvoid coalescence (MVC). Initiation sites for these failures
appear to be the carbonitrides which were observed in dimples. This
demonstrates that the large carbonitrides play an important role in
determining fracture behaviour.

The schematic in Fig. 15 illustrates the suggested hydrogen
embrittlement mechanism in alloy 945X under uniaxial load, based
on the microscopy results. As shown in Fig. 14, slip bands formed in
the microstructure during the tensile loading. Moreover, highly loca-
lised deformation along the fracture surfaces was observed in all pre-

Fig. 10. Fracture surface of hydrogen pre-charged HT-III, showing the brittle ring.
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charged conditions, despite the microstructural differences among
them. The crack growth occurs mainly at the grain boundaries
(transgranular cracks also observed) by a microvoid coalescence
process as shown in the micrographs (Fig. 14). These phenomena are
consistent with some features of the HELP mechanism, and they were

previously reported by other researchers [5,9,17–19,34,35]. However,
direct evidence of enhanced dislocation motion within the microstruc-
ture due to the presence of hydrogen, which is the underlying principle
in the HELP mechanism, has not been obtained in the present work.

In all the metallurgical states investigated, the crack initiation sites

Fig. 11. Post tensile test fractography for alloy 945X (HT-I). (a) H-charged sample: transgranular cleavage, (b)-(c) H-charged sample: slip traces on cleaved surfaces and voids, (d) H-
charged sample: inter- and trans-granular cracking, (e) un-charged sample: ductile dimpled fracture, (f) un-charged sample: dimple containing a cracked carbonitride.
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in the pre-charged samples were found to be the microvoids formed at
the intersections of slip-bands due to their reciprocal interactions. The
formation of such voids and their consequent intersection with grain
boundary interfaces are phenomena consistent with the Zener-Stroh

and Cottrell crack initiation mechanisms [7,36–39], but it is important
to highlight that microvoids on these sites were observed only in the
presence of hydrogen.

In addition, second phase particles like carbonitrides (HT-I, II and

Fig. 12. Post tensile test fractography for alloy 945X (HT-II). (a) H-charged sample: transgranular cleavage, (b) H-charged sample: slip traces on cleaved surfaces, (c) H-charged
sample: cleavage steps, (d) H-charged sample: inter- and trans-granular cracking, (e) un-charged specimen: dimpled fracture, (f) un-charged specimen: dimples containing
carbonitrides.
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III) and δ-phase precipitates (HT-II and III) also appeared to act as
initiation sites for cracking. Precipitation free zones around δ-phase
may aid the crack propagation due to grain boundary softening
(Fig. 14(f)). Finally, cracking was observed at triple junction bound-
aries, in accordance with previously reported evidences [1,40,41].

Among the different crack initiation sites found, the second phase
interfaces seemed to facilitate and promote the nucleation of micro-
cracks fairly in agreement with the HEDE mechanism [9,34,35,39], as
hydrogen reduces the cohesive energy of the interatomic bonds.
However, there is no direct evidence to prove that the adsorbed

Fig. 13. Post tensile test fractography for alloy 945X (HT-III). (a) H-charged sample: intergranular cracking, (b) H-charged sample: crack formed along δ phase, (c) and (d) H-charged
sample: formation of voids at slip traces on a cleaved surface, (e) un-charged specimen: dimpled fracture, (f) un-charged sample: dimples containing cracked carbonitrides.

V. Demetriou et al. Materials Science & Engineering A 684 (2017) 423–434

431



hydrogen at these locations decreased the force required to separate
the interatomic bonds.

5. Conclusion

Cathodic hydrogen pre-charging the Nickel alloy 945X for a week
significantly reduced its tensile elongation. The ingress of hydrogen in
the microstructure of this superalloy led to a brittle fracture of an

Fig. 14. Backscatter SEM images of longitudinal sections through the fracture surface. Circles indicating transgranular and intergranular microvoids. (a)-(b) HT-I pre-charged with H,
(c)-(d) HT-II pre-charged with H, (e)-(f) HT-III pre-charged with H.
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otherwise ductile material.
Intergranular fracture of different heat treatments in a hydrogen

containing environment, characterised by different precipitation status,
occurred whether or not δ-phase was present at grain boundaries. The
results provide evidence that δ-(Ni3Nb) phase formation may assist the
intergranular cracking (initiation sites for void formation), but it is
probably not the only failure mechanism occurring. Moreover, the data
presented shows that two parameters are affecting the hydrogen
embrittlement resistance of the alloy: (a) the strength and (b) the
continuous platelet δ precipitates on the grain boundaries. A micro-
structure with less and non-continuous δ phase on the grain bound-
aries resulted in lower yield strength but higher ductility and it was this
microstructure that was most resistant to hydrogen embrittlement.
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