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Abstract: Linking the atomic level kinetic precipitation pathways induced by 

elemental additions to the resulting microstructure is fundamentally desirable for the 

design of new classes of light alloys. Aberration-corrected scanning transmission 

electron microscope (AC-STEM) and first principles calculations were used to 

investigate the influence of trace Au (200 ppm) additions on precipitation in an Al-

Cu-Au alloy. These Au additions resulted in a significant enhancement of the low-

temperature age hardening, which was demonstrated to be associated with accelerated 

precipitate nucleation and growth. Atomic-resolution annular dark field (ADF) 

imaging showed the clearly reduced critical length and thickness of θ′ precipitates 

with Au additions, therefore accelerating the nucleation of θ′. Agglomerated Au 

clusters were observed in θ′ precipitates, which were demonstrated to correspond to a 

localised energetically favourable state. These observations have been explained 

through first-principles calculations and relevant thermodynamic modelling. This 

work provides a potential way to refine the alloy microstructure for improving the 

mechanical behaviour of light alloys.     
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In automotive and aerospace applications, aluminium alloys use many elemental 

additions to produce dense precipitate size distributions (PSDs) for improving 

mechanical strength [1, 2]. Increased precipitate volume fraction through ageing 

treatment is mainly responsible for the observed materials strength, but the final 

optimisation requires the control of a number of factors such as size distributions and 

aspect ratio [3, 4], crystallographic orientation [3], and heterophase interfacial 

structures [5]. These factors are essentially linked to the atomic structures within 

precipitate and matrix phases and their interplays. However, the present 

understanding of how the atomic level structure induced by alloying additions 

controls PSDs remains little known. This lack of understanding results from the 

difficulties in atomic-scale compositional characterisation [6, 7], as well as 

insufficient accuracy and limited computational capacity in bottom-up multi-scale 

modelling [7-10].   

Al-Cu is a textbook binary model alloy for investigating the effect of atomic level 

structure on precipitation sequences. At sufficiently low ageing temperatures (for 

example, ≤160°C) Guinier-Preston (GP) zones precipitate at the early stage of phase 

separation followed by the precipitation of the metastable θ′′ (Al3Cu) and θ′ (Al2Cu) 

and equilibrium θ (Al2Cu) phases [2]. The θ′ phase is the most important precipitate 

strengthener in Al-Cu-based alloys. Unfortunately, it	  does	  not	  nucleate	  easily	  at	  low	  

temperature and as a result, alloying elements used as lattice defects are often 

introduced in order to enhance θ′ nucleation rates [11]. Copper additions, having a 

relatively moderate negative mixing enthalpy within Al (-0.155 eV/atom, as given in 

Table 1 and calculated from Ref. [12]), first precipitate from supersaturated solid 

solution as metastable GP zones with a single pure Cu layer. As deduced from Gibbs 

free energy theory [13], negative enthalpy favours a spontaneous mixing and hence a 
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metastable configuration. In contrast, positive enthalpy does not favour the mixing so 

could result in an absence of such metastable configuration. Therefore, the pathway 

for phase transformation could be altered. For instance, it has been shown that silver 

having a small negative mixing enthalpy within Al (-0.03eV/atom [14]), could explain 

the nearly spherical GP zones in the Al-Ag systems [15]. These observations suggest 

that alloying elements with relatively small solute mixing enthalpy segregate at the 

interface to form a metastable configuration. Therefore, the kinetic precipitation 

pathway in phase transformations varies with mixing enthalpy. Less well understood 

is how a solute element with strong negative mixing enthalpy with Al affects θ′ 

precipitation at the atomic level. Given that gold has a much stronger negative 

formation energy within aluminium (-0.56 eV/atom [16]) compared to silver and 

copper, its precipitation sequence in binary Al-Au alloys is not expected to include 

metastable GP zones, and this is indeed what is experimentally observed [17-19]. 

Moreover, the precipitation sequence in Al-Au involves the formation of the η′ 

(Al2Au) phase, which is structurally similar to θ′ [17].  However, how this ternary 

addition affects the phase transformation, in particular at the atomic level mechanism, 

has not hitherto been studied.   

With the advent of aberration-corrected scanning transmission electron microscopy  

(AC-STEM), sub-Å resolution STEM imaging now allows for direct observation of 

atomic site occupations in precipitates [20]. In addition, first-principles calculations 

can deliver a fundamental understanding of atomistic level interactions [21]. 

Combining these two well-developed techniques, it is now possible to establish a 

picture linking the atomic-level structure to phase transformations.   
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Here we report the effect of trace Au additions (200 ppm) to an Al-Cu alloy on the 

ageing response and microstructures. In particular, we explore how Au alters the 

nucleation and growth of θ′ at the atomic level using ADF-STEM imaging and first-

principles calculations. We find that Au accelerates the ageing response through 

enhanced nucleation of θ′. We show that this is achieved through dissolution of Au 

into θ′ and the consequent lowering of the nucleation barrier.  

2. Experimental procedures 

2.1 Alloy preparation  

Al-1.7Cu and Al-1.7Cu-0.02Au alloy (in at. %) were prepared using high purity Al 

(5N8, 99.9998), Cu (5N8, 99.9998) and high purity Au (5N, 99.999). The amount of 

Au 0.02 at.% in this alloy, is lower than the maximum solid solubility of Au 

achievable in Al–Au binary alloy (~0.055 at.%) at 540°C [17, 18]. As experimentally 

verified, there are no distinct Au-rich particles at the grain boundaries, suggesting all 

Au atoms were solid solutioned into this alloy. Trace Fe and Si which are believed to 

originate from the high purity Al (even with a high purity of 5N8), were also detected 

by inductively coupled plasma optical emission spectrometry (ICP-OES) but were 

found to have no significant effect on the precipitation of θ′ as they were concentrated 

along grain boundaries. The alloy was arc-melted under high vacuum (10-6 mbar) to 

ensure homogenisation. The as-cast buttons were subsequently cold-rolled at room 

temperature into plates 0.5 mm thick and 20 mm wide.  

2.2 Heat treatments and TEM sample preparation 

These as-cast materials were cut into discs 3mm in diameter and 0.5mm in thickness 

to ensure a spatially even thermal history within the whole materials for comparison. 
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These samples were subjected to a solution treatment in a nitrate salt bath for 30min 

at 540°C, followed by a water quench to room temperature. Isothermal ageing was 

applied in an oil bath for different times at 200°C and 160°C in order to study the 

ageing response, and the aged samples were water quenched to room temperature. 

The heat-treated disks were ground to a thickness of 0.15mm and twin-jet 

electropolished in a solution of 33% nitric acid and 67% methanol at –25°C using a 

voltage of 12.7V. Vickers' microhardness was measured using a Shimazu MVK-E 

hardness tester using a load of 50g. 

2.3  Scanning transmission electron microscopy 

Preliminary microstructural imaging of PSDs was performed on a JEOL JEM 2100F 

operated at 200kV. For ADF imaging, a 10mrad convergence semi-angle was used, 

with an inner collection semi-angle of 65mrad and an outer collection angle of about 

200mrad. The specimen thickness was determined by comparing on-zone <100> 

convergent beam electron diffraction (CBED) patterns with the simulated pattern 

using JEMS software [22]. The precipitate number density was then calculated by 

combining the number of precipitates counted from ADF imaging and the measured 

thickness. Automatic image thresholding within the ImageJ software did not allow 

precipitates to be characterised due to the noise in the ADF images. To characterise 

the precipitate length distributions, we have used a manual size analysis method to 

outline precipitates for lower magnification imaging and subsequently applied the 

thresholding approach within ImageJ.   

Quantitative ADF imaging was performed on an FEI Titan3 electron microscope with 

double aberration correctors (CCOR, CEOS GmbH) operating at 300 kV. A 15 mrad 

probe-forming aperture was used, corresponding to ~1.1 Å resolution, and an inner 
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collection semi-angle of 43.5 mrad and an outer collection semi-angle of 200 mrad. 

To quantify the Au concentration of each atomic column in the θ′ (Al2Cu) 

precipitates, the experimental image was firstly normalized by the incident beam 

intensity to the fractional intensity of the probe following the method in Ref. [23]. 

ADF image simulations were carried out for a series of Al2Cu1-xAux compositions (0 

≤  x ≤ 0.5) via the quantum excitation of phonons model [24] in the µSTEM code 

[25], where the two-dimensional response function of the ADF detector was included. 

Twenty phonon passes were used to obtain adequate convergence over a wide range 

of thickness. The Voronoi cell intensity around the Cu/Au column was calculated and 

a similar parameterization method to that in Ref. [26] was used to evaluate Au 

concentrations. The image intensity from the pure Al2Cu precipitate region was used 

to fit the thickness. Subsequently, extrapolation using a two dimensional first order 

polynomial function for the regions containing Au atoms gave an averaged thickness 

of 295 Å. This was in close agreement with an independent thickness determination 

via position averaged convergent beam electron diffraction (PACBED) [27] , further 

supporting the validation of this quantification method. By comparing the 

experimental intensity for each atomic column with the simulated concentration-

thickness matrix, the Au concentration for each atomic column was obtained. 

In addition, energy-dispersive X-ray (EDX) spectral imaging was collected using a 

Bruker silicon-drift detector (SDD) incorporated into this FEI Titan3 electron 

microscope, while bremsstrahlung X-ray background was subtracted using the 

window method [28]. Geometrical phase analysis (GPA) [29], which is an approach 

retrieving the spatial frequency components of high-resolution STEM images, allows 

for the analysis of the local lattice variations with respect to that of the perfect crystal. 
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This approach was applied for the atomic-resolution ADF images to determine the 

localised lattice strain of θ′ precipitates induced by Au enrichments.  

2.4 First principles calculations 

Density functional theory (DFT) calculations were performed through the VASP 

software using the generalized gradient approximation (GGA) and the Projector 

Augmented Wave potentials [21]. For Au and Cu, the semi-core s and p states were 

treated as valence states, respectively. The crystal structures were relaxed with an 

energy cut-off of 500 eV and a force tolerance of 0.01 eV/Å. The energy convergence 

with respect to energy cut-off, k-point sampling and supercell size were better than 

0.01 eV. The crystal structure of the GP zone was modelled using a supercell with a 

single Cu layer separated by 20 Al {1 0 0} layers. For θʹ′ʹ′ the supercell contained one 

{1 0 0} Cu layer separated by 3 Al {1 0 0} layers [30]. The site occupations of Au in 

θʹ′ phase were modelled by replacing the Al or Cu atoms. To minimise the interactions 

between Au solute atoms in in θʹ′, a 3×3×2 supercell was used.  

3. Results 

3.1 Ageing response and microstructure  

Fig 1 shows the micro-hardness as a function of ageing time for the binary alloy Al-

1.7Cu and ternary alloy Al-1.7Cu-0.02Au, as artificially aged at 160°C and 200°C. 

Clearly, 0.02 at.% Au additions accelerate the peak hardening at 160°C by ~34%, as a 

result of reducing the peak ageing time from 53 hrs in the binary alloy to 35 hrs in the 

ternary alloy. The Au addition does not alter the peak hardness which is around 124 

HV in both alloys. At 200°C the Au additions slightly increase the peak hardness (91 
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HV in binary and 98 HV in ternary) but retains a similar peaking ageing time of about 

22 hrs.  

Fig 2a-b shows the typical early-stage microstructures for these two experimental 

alloys aged at 160°C for 3 hrs, as revealed by ADF-STEM imaging. The ternary alloy 

(Fig 2b and 2d) displays a slightly denser precipitate distribution for the early-stage 

microstructures at both 160°C and 200°C, as is summarised in Table 2. Note that the 

measured regions for the binary and ternary alloys have similar thickness (of round 24 

nm). However, for 24 hrs ageing at 200°C, the ternary alloy exhibits less dense 

precipitate distributions but displays a spatially more homogeneous microstructure 

(See Fig 2f) than the binary alloy (Fig 2e). The ageing condition of 160°C for 3 hrs 

was chosen to examine the microstructure, where the biggest difference in hardness 

between the binary alloy and the ternary alloy was observed (see Fig 1). Surprisingly, 

θ′ precipitates were experimentally observed only in the ternary alloy.  

Fig 3 compares the statistics of precipitate length distributions, and the corresponding 

precipitate number density is summarised in Table 2. As shown from Fig 3 and Table 

2, the 200ppm Au additions produce a higher number density of GP zones (1.8×105 

µm-3 in the ternary compared to 1.2×105 µm-3 in the binary) for the specimen aged at 

160°C for 3 hrs. This implies that Au additions led to ~30% times higher nucleation 

rate for GP zones. In contrast, the Au additions give rise to a number density of θ′′ 

that is about two times smaller (1.7×104 µm-3 in the ternary compared to 3.1×104 µm-3 

in the binary) as shown in Table 2. More importantly, we found a small proportion of 

θ′ precipitates (3.0×102 µm-3) within the ternary alloy, whereas θ′ is never observed in 

the binary alloy specimens subjected to the same ageing condition. For ageing of 2 hrs 

at 200°C, almost all precipitates are θ′′ in both alloys, which was verified by higher 
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magnification imaging. Analysis of the precipitate lengths measured for specimens 

aged for 24 hrs at 200°C shows a typical bimodal distribution, whilst the 

corresponding binary alloy has a relatively scattered size distribution, as shown in Fig 

3c. In addition, the ternary alloy has a relatively smaller precipitate number density 

(2.4×105 µm-3, compared to 3.2×105 µm-3 in the binary alloy). Au additions produce a 

spatially more even θ′ precipitate distribution. In contrast, the binary alloy exhibits 

non-uniform θ′ distributions with dense precipitate arrays, which may be related to the 

minimisation of the elastic interaction energy on subgrain boundaries [31, 32].  

3.2 Atomic-resolution ADF imaging  

Fig 4 shows θʹ′ precipitates in their early-stage of growth in the Au-doped ternary 

alloy aged at 160°C for 3 hrs. Fig 4a-b in particular display what appears to be 

incomplete θʹ′ precipitates formed within θʹ′ʹ′. Fig 4c shows a θʹ′ precipitate with the 

thickness of a single unit cell found in the ternary alloy, thus suggesting that the θʹ′-

like regions observed within θʹ′ʹ′ are single-unit cell θʹ′ having just nucleated. Note that 

the existence of θʹ′ precipitates thinner than two unit cells had been thought 

impossible, because accommodating the shear strain associated with the 

transformation from the matrix to θʹ′ requires a critical thickness of 2 unit cells with 

the shear model where ledges have to occur in pairs [33]. This may imply that Au 

additions provide a driving force to reduce the critical size and the energy barrier for 

θʹ′ nucleation. Fig 4d-e show thicker θʹ′ precipitates with 1.5 and 3 unit cells, 

respectively. Furthermore, Fig 4f reveals a θʹ′ precipitate that has different thickness at 

different sections. This suggests that thicker θʹ′ precipitates may be grown from single 

unit-cell θʹ′ instead of spontaneous θʹ′ nucleation at different thickness.  Fig 5a also 

displays a θʹ′ precipitate 4 unit cells thick in the Au-doped ternary alloy aged at 160°C 
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for 3 hrs, while the corresponding background-subtracted EDX maps, Fig 5b-c, 

demonstrate the predominant Cu and Au enrichment in this θʹ′ precipitate, despite 

insufficient counts for compositional analysis.  

Fig 6a shows a typical atomic-resolution ADF-STEM image of a θ′ precipitate ~400 

nm in length found in Al-1.7Cu-0.02Au aged for 24 hrs at 200°C. The brighter 

contrast in the precipitate core suggests the substitution of Au for Cu sites within the 

θ′ precipitate. The absence of distinct contrast change in the Al sites in θ′ precipitates, 

in comparison to the aluminium matrix, suggests a negligible site occupation of Au 

for Al sites in θ′. It is also noted that most (more than 60% of) θ′ precipitates with 

thickness larger than 2 unit cells have clear Z-contrast showing Au enrichment in their 

cores (see Fig 7). There are a number of θ′ precipitates where no distinct Au contrast 

can be observed, either because the Au fraction was less than other sources of 

intensity variability in the Z-contrast images or because the 200 ppm trace Au 

addition was not entirely homogenised in the materials. The brighter contrast in the θ′ 

precipitate core is interpreted as Au enrichment, which was verified by EDX 

spectroscopy within the precipitate and the surrounding matrix (see the inset in Fig 

5a). The Au atoms are therefore most likely to accumulate in the precipitate core 

rather than at the edge of a precipitate. Comparing X-ray counts of the Au-L peak 

(9.704 keV) between precipitate and matrix, it is evident that Au has settled within the 

θ′ precipitates but that the surrounding matrix has much less Au. Fig 6b shows the 

quantified atomic-resolution Au content map of the region of the precipitate enclosed 

in the black, dashed rectangle in Fig 6a, clearly showing the Au enrichment in the 

precipitate centre. Fig 6c shows the Au content averaged over the vertical direction in 

Fig 6b, with error bars equal to the standard deviation of the variation in this 

direction, further supporting the typical Au enrichments at this region. The strain 
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mapping as shown in Fig 6d, calculated using geometrical phase analysis (GPA) [34, 

35] with reference to the θ′ lattice from the precipitate edge, confirms that the strain is 

concentrated along the precipitate length (perpendicular direction in Fig 6a but 

horizontal direction in Fig 6d).  

In addition, we have compared atomic-resolution imaging of GP zones and/or θʹ′ʹ′ 

generated in all the binary and ternary alloys, as shown in Fig 8. They all show 

similar features and there is no distinct contrast suggesting the existence of Au in the 

GP zone and/or θʹ′ʹ′.    

3.3 DFT calculations  

The formation energy of a GP zone is computed as -0.02 eV/atom (see Table 2). The 

same GP zone with 12.5% Au substituting Cu shows a value of -0.03 eV/atom. 

Similarly, we have found that the formation energy of θʹ′ʹ′ with Cu substituted by Au is 

somewhat close to that of θʹ′ʹ′ without Au and is less negative than the Al-Au solid 

solution, suggesting that Au is energetically more favourable to dissolve in solid 

solution than substituted at the Cu sites in GP zones and θʹ′ʹ′ precipitates.  

The formation energy for the bulk θʹ′ phase is computed to be -0.42 eV/atom (see 

Table 3) showing a close agreement with Ref. [36]. When Cu atoms in the θʹ′ phase 

are fully substituted by Au, this θʹ′ becomes the ηʹ′ (Al2Au) phase [17]. Our 

calculations give a formation energy of -0.75 eV/atom (see Table 3), as in our 

previous work [17]. Comparing the formation energy with different site substitutions, 

it can be clearly seen that Au prefers to occupy the Cu sites rather than the Al sites in 

both GP zones and θʹ′ phases (see Table 3). Importantly, substituting Au for Cu in θʹ′ 

lowers the formation energy. In addition, the formation energy displays an almost 
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linear decrease with the amount of Au addition to θʹ′, implying that the mixing 

enthalpy of Au substitution for Cu in θʹ′ could be estimated. The mixing formation 

enthalpy ΔHm is expressed as [36]: 

∆𝐻! =
Δ𝐻!!

! − ∆𝐻!!
𝑥 , 

where x is the fraction of Au substitution for Cu in θʹ′, and Δ𝐻!!!  is the corresponding 

formation energy. ∆𝐻!! is the reference formation energy of θʹ′ (Al2Cu). Using this 

expression, the mixing enthalpy could be estimated as -0.32 eV/atom of the formation 

energy against the Au fraction.  

In addition, the calculations for the relaxed lattice show an increase in lattice constant 

with the increase of Au substitutional content, as shown in Table 3. As a consequence, 

the Au clustering should locally induce an experimentally measurable increase in the 

lattice constants of θʹ′ (see Table 3). This was indeed observed in our STEM images 

(see Fig 6d). 

4. Discussion 

4.1 The influence of Au on θʹ′ nucleation 

DFT calculations (see Table 3) demonstrate that Au-substituted GP zones and θʹ′ʹ′ are 

energetically favourable compared with those without Au substitution. However, the 

formation energies approach the value of the defect formation of enthalpy of Au in 

Al, suggesting that Au does not strongly prefer to substitute for Cu in GP zones and 

θʹ′ʹ′. This is consistent with the absence of Au substitution in GP zones and θʹ′ʹ′ for 

binary alloys shown by the ADF imaging (Fig 6) that displays similar contrast in the 

Cu column for both the binary and ternary alloys.   
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We now consider how Au affects the early-stage θʹ′ precipitation behaviour. Au 

substitutions for Cu in θʹ′ significantly reduce the formation energy (see Table 3). 

Moreover, ηʹ′ (Al2Au) precipitation was experimentally and theoretically 

demonstrated to occur without intermediate coherent phases such as GP zones [17]. 

The driving force for ηʹ′ precipitation is considerably larger than for θʹ′, as reflected in 

the extremely low solubility of Au in aluminium as compared to Cu. Meanwhile, ηʹ′ is 

both crystallographically and compositionally analogous to θʹ′ except for a change 

(within 5%) in lattice constants [19]. Therefore Au-containing θʹ′ could possibly serve 

as initial nuclei for subsequent θʹ′ growth, as suggested from Fig 4a-c.  

Until now the observed minimum thickness of θʹ′ nuclei was 2 unit cells, which was 

explained on conditions of minimising both the shear strain and volume strain within 

the model proposed by Dahmen et al. [33]. Surprisingly, we observed many instances 

of single-unit-cell (see Fig 4a-c) and 1.5-unit-cell (see Fig 4d) thick θʹ′ precipitates for 

the ternary alloy. Fig 4a-b also show experimentally observed incomplete one-unit-

cell-thick θʹ′ precipitates within a θ˝ precipitate. This suggests that these θʹ′ precipitates 

correspond closely to the critical nucleus for θʹ′ in this ternary alloy. This 

experimental observation cannot be explained by the model proposed in Ref [33]. We 

therefore postulate that the nucleation critical length and thickness of θʹ′ precipitate in 

our experiments are more likely controlled by classical nucleation rather than 

geometrical constraints in Ref. [33]. We have estimated the total Gibbs free energy 

change ΔG associated with the nucleus size by assuming the simple case of a thin 

cuboid nucleus as schematically shown in Fig 9, as 

∆𝐺 = −∆𝐺!𝑡𝐿! + 4𝜎!"𝑡𝐿 + 2𝜎!𝐿! 
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where ΔGV is the formation energy of θʹ′ precipitate , σSC the interfacial energy at the 

semi-coherent interface, σC the interfacial energy at the coherent interface, t the 

nucleus thickness and L the nucleus length of the cuboid nucleus. The critical length 

L*, thickness t* and critical energy barrier ΔG* for nucleation can be determined by 

  

𝜕∆𝐺
𝜕𝐿 = 0

𝜕∆𝐺
𝜕𝑡 = 0

 

This leads to 

  

𝐿∗ =
4𝜎!"
∆𝐺!

𝑡∗ =
4𝜎!
∆𝐺!

∆𝐺∗ =
32𝜎!𝜎!"!

Δ𝐺!!

 

Using the data in Table 3 and the semi-coherent (485 mJ/m2) and coherent interfacial 

energies (156 mJ/m2) from Refs [5, 30], the calculated critical nucleus sizes and 

nucleation energy barrier for θʹ′ can be plotted as shown in Fig 9a. The critical nucleus 

length and thickness decrease with Au substitution for Cu in θʹ′. The critical length for 

θʹ′ with no Au substitution is calculated to be 3.0 nm, which is similar to previous 

results (2.4 nm) obtained using molecular dynamics [30]. The corresponding critical 

thickness (0.92 nm) is higher than 1.5 unit cells thick. Interestingly, 50% Au 

substitution will lead to a reduction in critical thickness to 0.55 nm, which is below 

the thickness of single unit cell θʹ′ (0.58 nm). The corresponding critical nucleus 

length is 1.8 nm. Our calculations are in excellent agreement with experimentally 

observed critical nucleus sizes deduced from Fig 4a-c. This therefore strongly 
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suggests that Au-containing single-unit cell thick θʹ′ serves for the later growth of θʹ′ 

precipitates. Importantly, the total nucleation energy barrier for θʹ′ without Au 

substitution is 18.0 eV, almost 3 times larger than 6.5 eV for θʹ′ with 50% Au 

substituted for Cu, regardless of the changed critical nucleus size. This implies that 

Au additions lower the θʹ′ nucleation energy barrier and therefore induce higher 

nucleation rates for early-stage θʹ′ precipitates. Therefore, it can be reasonably 

postulated that in the ternary alloy a Au-rich embryo will reduce the θʹ′ nucleation 

barrier and therefore form first θʹ′ nucleus with the thickness of a single unit cell, as 

seen in Fig 4a-b. Subsequently, solute atoms (Au and Cu) diffuse to grow θʹ′ for 

lengthening and thickening as seen in Fig 4c-f.  Direct EDX spectral evidence of Au 

in a single-unit cell precipitate (see Fig 4c) was not achieved in the present 

experiments. The larger precipitate 4 unit cells in thickness (see Fig 5a) most likely 

grew from single-unit cell precipitate, which was used to verify the existence of Au. 

EDX spectral mapping showed the Au enrichment in the precipitate centre (see Fig 

5b-c). All these observations suggest the existence of Au in single-unit-cell precipitate 

and the influence of Au on the accelerated nucleation. 

It is noted that there is no θʹ′ precipitation for binary alloy under the same heat 

treatment condition at 160°C for 3hrs, meaning that all these observed θʹ′ precipitates 

in the ternary alloy require Au to assist the nucleation or growth. It is also noted that 

the elastic strain energy estimated using largest lattice strain (~0.5% for Al2Cu) is 

smaller than one percentage of the volume free energy ∆𝐺! and/or the interfacial 

energy, suggesting a negligible contribution from the elastic strain energy regarding 

the critical nucleus size and critical nucleation energy barrier.  

4.2 The influence of Au on late-stage precipitation 



16	  

Once an Au-containing θʹ′ has nucleated (See Fig 4a-b), it grows at the expense of 

solute atoms (both Au and Cu), as experimentally observed from the existence of long 

(60 nm) single-unit-cell-thick precipitates (Fig 4c), and eventually coarsen (Fig 6). 

We have observed clear Au enrichments in θʹ′ precipitates as shown from late-stage 

precipitates in Fig 6 where the alloys underwent 24 hrs aging at 200°C. There is no 

distinct Au substitution in the Al atomic columns, entirely consistent with the first-

principles calculations for the formation energy in Table 3 (25% Au substitution at Cu 

sites: -0.48 eV/atom; 25% Au substitution at Al sites: -0.18 eV/atom). The strong 

negative formation energy suggests the strong likelihood that Au atoms will 

agglomerate within θʹ′ precipitates, as observed in Fig 6.   

To theoretically verify the form of the Au distribution in θ′ precipitates, we have 

performed thermodynamics calculations. The free energy change as a function of Au 

substitution, under the regular solution approximation, is given as [37]: 

∆𝐺 = 𝑘𝑇 𝑥𝑙𝑛𝑥 + 1− 𝑥 ln 1− 𝑥 + ∆𝐻!𝑥 1− 𝑥 , 

where k is the Boltzmann constant, ∆𝐻! the mixing enthalpy of Au in θ′, and x is the 

fraction of Au at Cu sites within θ′. The mixing enthalpy is estimated to be -0.32 

eV/atom and as a result, from 100°C to 350°C the minimum of free energy lies at 

almost 100-percent Au. This means that Au atoms will tend to agglomerate as clusters 

within θ′ precipitates and might eventually become the η phase (Al2Au). 

Experimentally, the localized Au clusters were clearly observed in the precipitate 

cores as shown in Fig 6. From the strain analysis in Fig 5b, one can see discontinuous 

Au clusters, suggesting that the Au distribution is diffusion-controlled. Indeed, Cu 

solute atoms (1.7 at%) exhibit a concentration 85 times higher than that of Au (0.02%) 
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and hence can diffuse in greater numbers to participate in θ′ growth in late-stage 

precipitation, thus diluting the Au concentration in θ′ precipitates.  

Based on the database of Au diffusion in Al [38], one can estimate that Au can diffuse 

by about 500 nm in the matrix at 200°C for 24hrs. Thus, Au solute atoms in the 

surrounding matrix can diffuse to reach the precipitates, implying that most Au should 

have incorporated within the θ′ precipitates. However, no η phase (Al2Au) was 

observed in all the experimental conditions examined, which has been verified by the 

quantification of atomic-resolution ADF images (see Fig 6b-c). This may be related to 

the limited diffusivity of Au and Cu in θ′, although there is no available database of 

tracer Au or Cu diffusion in θʹ′ to our knowledge. One can expect that the Au 

diffusion coefficient in θʹ′ drops by several orders of magnitude compared to the 

diffusivity of Au in the matrix. This is known to be the case of solute atoms diffusing 

within the ordered Ni3Al phase [39, 40]. This would necessarily mean that the 

diffusivity is insufficient for all Au atoms within θʹ′ to reach the fully Au-occupied θ′, 

i.e. η′ phase (Al2Au). In addition, Au clusters induce lattice strain as shown from Fig 

6d. The strain analysis showed that the increased strain is locally 9% at the highest. 

The localised strain could produce compressive elastic potential [41], which also 

could hinder the diffusion of Au in θ′. 

4.3 The origin of the refined microstructures and accelerated hardening 

We next consider the origins of the refined microstructure and the associated 

accelerated peak hardening and increased hardness. Previous work has shown that the 

nucleation of θʹ′ can be promoted by solute elements segregating at the heterophase 

interfaces, for instance Sn [11]. We have shown that Au behaves differently and is 
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only found to substitute for Cu within θʹ′ precipitates. There is no clear evidence of Au 

substitution in GP zones or θʹ′ʹ′ or at the matrix-precipitate interfaces. However our 

analysis of precipitate number density showed that Au additions are associated with 

an increased number density of GP zones as shown in Fig 3a and Fig 3b and 

summarised in Table 2. On the other hand, DFT calculations (see Table 3) showed Au 

substitutions for Cu in GP zones and θʹ′ʹ′are not energetically favourable in comparison 

with the Al-Au solid solution. This may imply that Au solute behaves like a defect 

and provides a slightly larger number of heterogeneous nuclei for GP zones and θʹ′ʹ′ 

due to the different atomic sizes (1.44 Å for Au and 1.28 Å for Cu). Therefore, the 

200 ppm Au additions result in ~1/3 higher number density of GP zones and θʹ′ʹ′ as 

shown in Table 2. This may be responsible for the increased hardness at the early 

stages of ageing.  

Immediately following quenching, θʹ′ nucleation in Al-Cu alloys is more likely to 

occur at quenched-in dislocations due to the associated lower nucleation barrier, 

resulting in θʹ′ precipitate arrays on sub-grain boundaries [42]. These precipitate 

arrays are energetically stable due to the mutual elastic interaction energy, and cannot 

be diminished with ageing [32]. As demonstrated above, Au-substituted θʹ′ nuclei 

possess a much lower energy barrier (see Fig 9b) and as a result, the nucleation of Au-

containing θʹ′ is preferred over that of Au-free θʹ′ (Fig 4a-b). Therefore, the distinct 

difference in hardening response was observed at 160°C for 3 hrs because of the 

presence of θʹ′ precipitates and its strengthening effect. This precipitation acceleration 

thereby leads to a slightly higher peak value in ageing hardening at 200°C and faster 

peak ageing at 160°C in comparison with the binary alloy as shown in Fig 2. 

Importantly, this also implies that the quenched-in defects are not the first preferred 
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nucleation sites for θʹ′ nucleation when Au is alloyed into Al-Cu, therefore 

diminishing the precipitate arrays and resulting in more homogeneous precipitate size 

distributions (Fig 2e). 

4.4 Interfacial structures 

We have compared the typical interfacial structures (both semi-coherent and coherent) 

of θ′ precipitates in Al-1.7Cu [5] and Al-1.7Cu-0.02Au, as shown in Fig 10. These 

two systems exhibit similar interfacial structures: the Cu-rich coherent interface [6] 

and the complex semi-coherent interface as discovered in Ref. [5]. We have found a 

number of direct θ′-α semi-coherent interfaces for the long-time aged ternary alloy as 

shown in Fig 10a. The complex semi-coherent θ′-θ′t-θ′′-α interface that had been 

suggested as a common feature for Al-Cu binary alloy where θ′t is a metastable 

transition phase [5], was also observed (see Fig 10b). Therefore, this suggests that Au 

additions somehow could modify the complex interface as the direct θ′-α interface. 

However, our images show no significant substitution of Au for Cu at all these 

interfaces, owing to the experimental difficulty in characterising low concentrations 

of Au solutes at a heterophase interface. Therefore, whether Au atoms influence the 

semi-coherent interfaces directly or indirectly remains an open question.   

5. Conclusion 

In conclusion, atomic-resolution Z-contrast imaging in the AC-STEM has been 

performed on precipitates formed in a 200 ppm Au doped Al-1.7Cu alloy. Our 

experimental results, coupled with first-principle calculations, demonstrated and 

explained the accelerated ageing response resulting from Au additions at low 
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temperature (160˚C). This provides a fundamental insight of how Au alters the phase 

transformations and microstructures in Al-Cu alloys. More specifically: 

1) Au additions reduce the critical length and thickness for θ′ nuclei, thereby 

enabling the experimentally observed single unit cell θ′ formation. 

2) Au additions significantly reduce the nucleation energy barrier for θ′ precipitation, 

providing more spatially homogeneous θ′ nucleation and as a result producing a 

more refined microstructure without precipitate arrays. This is likely responsible 

for the accelerated peak hardening and increased hardness. 

3) Au is found to only substitute for Cu within θ′ precipitates, and the Au 

agglomerated clusters in θ′ were demonstrated as a thermodynamically local 

energetically favourable state. 

4) Apart from the complex θ′-θ′t-θ′′-α semi-coherent interfaces observed, Au 

additions induced the presence of a number of direct θ′-α semi-coherent interfaces 

which are absent in the binary alloys under the same heat treatment condition. 

These experimental observations provide valuable data for controlling precipitate size 

distributions and in particular suggest a fundamental view towards refining 

microstructures for improved mechanical properties of light alloys.  
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Figure Captions 

Table 1. The formation enthalpy of solute atoms in aluminum, calculated from the 

thermodynamic databases in Refs. [11], [12], [15]. 

Formation enthalpy Cu Ag Au 

(eV/atom) -0.15 -0.03 -0.56 
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Table 2. Measured precipitate number density (N0/µm-3) for different ageing 

treatments.  

N0 (✕104 µm-3) 200°C-2 hrs 200°C-24 hrs 160°C-3 hrs 

Alloy Binary Ternary Binary Ternary Binary Ternary 

GP zones / / / / 12 ± 1 18 ± 2 

θ′′  1.1 ± 0.1 1.7 ± 0.2  / 3.1 ± 0.3 1.7 ± 0.2 

θ′ / / 3.2 ± 0.3 2.4 ± 0.3 / 0.03 ± 0.003 

Total 1.1 ± 0.1 1.6 ± 0.2 3.2±0.3 2.4 ± 0.3 15 ± 2 20 ± 2 

Table 3. First-principles calculated formation energy per solute Es (eV/atom), per all 

atoms Ea (eV/atom), and the corresponding lattice constants a (Å) and c (Å).  

Structure Es Ea a c 

Al-Cu solid solution -0.12 / 4.03 4.03 

Al-Au solid solution -0.53 / 4.04 4.04 

GP zone -0.21 -0.02 / / 

GP zone
12.5%Au-Cu

 -0.17 -0.03 / / 

θ′′ -0.24 -0.09 4.02 3.76 

θ′′
12.5%Au-Cu

 -0.23 -0.10 4.07 3.89 

θ′(Al
2
Cu) -0.42 -0.18 4.08 5.77 

θ′
12.5%Au-Cu

 -0.44 -0.2 4.10 5.85 

θ′
25%Au-Cu

 -0.48 -0.26 4.14 5.86 

θ′
50%Au-Cu

 -0.56 -0.30 4.15 6.04 

θ′
75%Au-Cu

 -0.65 -0.36 4.24 6.00 

η′
100%Au-Cu

 -0.74 -0.42 4.29 6.06 

θ′
12.5%Au-Al

 -0.18 -0.16 4.11 5.81 
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Fig. 1. Vicker’s hardness response of the binary Al-1.7Cu and ternary Al-1.7Cu-

0.02Au alloys aged at (a) 160°C and (b) 200°C. 
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Fig. 2. Typical ADF-STEM images showing the alloy microstructure for ageing at 

160 °C for 3 hrs for the (a) binary and (b) ternary alloys; for ageing at 200 °C for 2 

hrs for the (c) binary and d) ternary alloys, and for ageing at 200 °C for 24 hrs for the 

(e) binary and (f) ternary alloys. These images were taken along the [100] zone axis.  
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Fig. 3. Precipitate size distributions at different ageing treatment regimes for the 

experimental binary and ternary alloys, (a) 160 °C for 3 hrs, (b) 200 °C for 2 hrs, (c) 

200 °C for 24 hrs. 
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Fig. 4. Early-stage precipitates found in the specimen aged at 160 °C for 3 hrs, viewed 

along [100]: typical atomic-resolution ADF images for (a) and (b) incomplete θ′ 

precipitates or θ′ nuclei formed within a θ′′ precipitate, (c) θ′ precipitate featured in 

the thickness of a single unit cell. The left inset displays the variation of the ADF 

counts indicated by the green dashed line that was averaged over the half width of the 

single unit cell to include the central column, while the right inset shows the overall 

EDX spectrum of the dashed rectangular region θ′ precipitate with the thickness of (d) 

1.5 unit cells and (e) 3 unit cells and (f) θ′ precipitate with two ledges. The inset in (f) 

displays the normalised integrated line profile of the white rectangular region 

indicated by the white dash arrow, where the blue and red are the Au-Lα (9.704 keV) 

and Cu-Kα (8.04 keV), respectively. 
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Fig. 5. An early-stage precipitate 4 unit cells thick found in the specimen aged at 160 

°C for 3 hrs, viewed along [100]: (a) atomic-resolution ADF imaging, and the 

background-subtracted X-ray maps (b) Cu-Kα (8.04 keV) and (c) the Au-Lα (9.704 

keV) for the region in (a) indicated by the white dashed line. 
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Fig. 6. (a) Typical atomic-resolution ADF images of a θ′ precipitate embedded in the 

surrounding matrix. The inset shows EDX spectra for precipitate (black) and matrix 

(red). (b) quantified atomic-resolution ADF image intensity across the indicated black 

dashed line in (a), revealing a clear Au enrichment in the precipitate centre, (c) the 

line profile of Au content across the precipitate. (d) lattice strain within the precipitate 

indicated by the white dashed line, calculated using the geometrical phase approach 

(GPA). This image was taken from a specimen aged for 24 hrs at 200°C. 

  



29	  

 

Fig. 7. Typical ADF images of the ternary alloy aged at 200˚C for 24 hrs, showing the 

possibility of finding Au in θ′ precipitates. The bottom inset displays an even contrast 

implying no Au in θ′ precipitate, whilst the top inset reflects a fine-scale contrast 

demonstrating the atomic-scale Au agglomerations in the θ′ precipitate. 
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Fig. 8. Typical atomic resolution ADF images of GP zones in (a) the binary alloy and 

(b) the ternary alloy, for specimens aged at 160˚C for 3 hrs. The distortion in these 

two images was due to specimen drift. 
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Fig. 9. Calculated critical (a) length (L*) and thickness (t*), and (b) critical energy 

barrier (ΔG*) for θ′ nucleus, as a function of Au substitution for Cu in θ′. The inset in 

(b) schematically shows the thin cuboid model employed in this study, where L and t 

are the length and thickness, respectively. 
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Fig. 10. Two types of interfacial structure for alloys aged at 200°C for 24 hrs: (a) 

direct θ′-α interface only found in the ternary alloy, and (b) complex interface θ′-θ′t-

θ′′-α interface found in both binary and ternary alloys. 
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